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Summary: Microscopic deformation mechanisms in bulk PA6 under uniaxial 
stretching are studied in both the elastic and plastic regimes up to fibrillation, 
by in-situ combined Wide and Small Angle X ray Scattering. Different 
scenario are described depending on the type of crystalline phase (alpha, 
gamma, beta) and on the test temperature.  

Introduction 
To improve thermo-mechanical performances of semi-crystalline thermoplastic polymers 
used for structural applications, it is of prime importance to understand the mechanisms of 
deformation in relation to the microstructure, which implies multi-scale investigations. 
Polyolefins, mostly polyethylene or polypropylene, have been widely studied in this context 
[1,2]. Few models have been developed in order to link the different scales [3]. Polyamides 
are more complex materials, due to H-bonds and a generally rich polymorphism [4,5]. For 
polyamide 6 (PA6), most studies have concerned fibers or thin films [6-8].  
 Here we investigate the microscopic deformation mechanisms which occur in bulk PA6 
under uniaxial stretching below and above yield, with a multi-scale experimental approach, at 
the scale of the crystalline unit cell as well as at the scale of the lamellar stackings. By various 
thermal treatments, we have prepared PA6 samples in which the crystalline phase is either 
predominantly α or β. We propose a quantitative analysis of deformation mechanisms. We 
show that different scenarii occur during tensile tests up to fibrillation, depending on the 
crystalline phase and temperature.  

Samples and methods 
PA6 samples (Mn = 31 kg.mol-1, polydispersity index 1.86) in which the crystalline phase is 
predominantly α or β have been obtained by various thermal treatments, based on few 
reported studies [9-14] (see Table 1). The INJ (injection moulded) sample contains 
predominantly β phase, with some small amount of γ. It shows a large number of small 
spherulites. I213 was maintained for 10 min in the melt at 270°C (in order to erase memory 
effects) then quenched rapidly down to 213°C (small undercooling) and isothermally 
crystallized at this temperature. I213 contains predominantly α phase. It shows relatively 
large, well-formed spherulites. Crystalline phases were characterized by Wide Angle X ray 
Scattering (WAXS), long periods by Small Angle X ray Scattering (SAXS), crystallinity 
ratios by DSC. In-situ tensile tests with combined WAXS and SAXS were performed on 
beamline BM2, ESRF, Grenoble, using a home-built, variable temperature stretching device. 
Scattered intensity patterns collected on a 2D detector are analyzed as a function of the 
azimuthal angle ߰ with respect to the tensile direction (TD). 

Results  
Stress-strain curves obtained in tensile tests performed above Tg (T = 120°C, a) and below Tg 
(T = −10°C, b) are shown in Figure 1, together with examples of SAXS patterns recorded in-
situ. In SAXS, scattering by a lamellar stack gives a correlation peak in the direction 
perpendicular to the lamella surfaces. Peak intensity in an azimuthal direction ߰ from TD 
comes from lamellar planes perpendicular to this directionand thus gives the relative number 
of lamellae with normal oriented at angle ߰. The scattering vector qmax at peak maximum 
gives the long period of the lamellar stacking Lp = 2π/qmax. 
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Figure 1: Stress-strain curves at ߝሶ ൌ 3 ൈ 10ିଷ s-1 at T = −10°C and 120°C, for INJ and I213 samples, 
with SAXS patterns measured at different strain values. 

The relative variation ΔLp/Lp is plotted in Figure 2(a) as a function of ߰, for different values 
of the strain ε. Lp increases (resp. decreases) along (resp. perpendicular to) TD. The local 
strain along TD ΔLp/Lp(ψ = 0) is plotted vs the strain ε in Figure 2(b).  

The variation of intensity as a function of  ߰ is shown in Figure 3(a). The intensity is 
reinforced for ߰ ൌ 0 (mod. π), indicating that lamellae tend to orient with their normals along 
TD, i.e with their planes perpendicular to TD.  
In a homogeneous material uniaxially stretched along z, the only non-zero element of the 
stress tensor ߪധ is σzz. A material vector ݀ݎሬሬሬሬԦ at angle ߰ from TD will be distorted into ݀ݎԢሬሬሬሬሬԦ such 
that ቛ݀ݎԢሬሬሬሬሬԦቛ ؆ ฮ݀ݎሬሬሬሬԦฮሾ1  ሺ1/3ሻሺ1 െ ሻܧ/௭௭ߪሻሺߥ2  ሺ2/3ሻሺ1  ሻܧ/௭௭ߪሻሺߥ ଶܲሺcos ߰ሻሿ (Figure 
2(b)) where E and ߥ are Young’s and Poisson’s moduli, respectively, and ଶܲሺcos ߰ሻ ൌ
ሺ3cosଶ߰ െ 1ሻ/2 is the 2nd order Legendre polynomial [15]. Thus, identifying the relative 
variation (or local strain) ΔLp/Lp to this relative length variation gives 

Δܮ

ܮ
ൌ

ߝ
3

ሾሺ1 െ ሻߥ2  2ሺ1  ሻߥ ଶܲሺcos ߰ሻሿ (1) 

whereߝ ൌ  is the macroscopic strain. Thus, comparing experimental data to Eq. (1) shall ܧ/௭௭ߪ
indicate how much the local strain at the scale of crystalline lamellae deviates from the 
(uniform) macroscopic strain.  

 

Figure 2: (a): relative variation ΔLp/Lp in sample I213 as a function of the angle ψ with respect to TD, 
for different  strain values at T = 120°C. (b): ΔLp/Lp(ψ = 0) (along TD) as a function of the strain ε. 
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Figure 3: (a): intensity as a function of ψ for different strain values : a) at T = -10°C and b) 
T = 120°C for I213 and INJ samples. (b): local deformation of a vector at angle ψ from 

tensile direction. (c) : non homogeneous tensile deformation. 

The same analysis may be adopted to describe the distribution of lamella orientations, by 
assuming that the normal ሬ݊Ԧ to a lamella deforms affinely under uniaxial stretching, which 
gives a relative number of lamella within the interval ሾ߰, ߰  ݀߰ሿ 

݊ఌሺ߰ሻ݀߰ ൎ
ሺ1  ሻଷߝ sin ߰

ሺcosଶ߰  ሺ1  ሻଷcosଶ߰ሻଷ/ଶߝ ݀߰ (2) 

Comparing experimental data (Figure 3) to Eq. (2) indeed indicates that the distribution of 
lamella normals tend to be deformed affinely in the INJ sample and in the I213 sample drawn 
at 0°C. Equivalently, lamellae tend to orient perpendicular to the tensile direction. 
It is observed (Figure 2b) that the local strain (at ψ = 0) is smaller than the macroscopic strain, 
specifically above Tg. Indeed, restricted lateral constriction increases the effective Young’s 
modulus of horizontal stacks. The resulting decreased strain must be compensated by 
amplified shear deformation of inclined stacks [16] (which however cannot be detected by 
SAXS) (Figure 3c). 
 
For the INJ sample (predominant β phase), morphology changes are illustrated on WAXS 
patterns shown in Figure 4a. Here the ring intensity comes from lattice planes which are 
perpendicular to lamellar planes. Horizontal scattering (ψ = 90°) thus comes from horizontal 
lamellae (perpendicular to TD). The tendency of the lamellae to orient perpendicular to the 
tensile direction in the elastic domain (step a2 in Figure 4a) amplifies until a highly oriented 
fibrillar morphology is obtained (step a3 in Figure 4a). Then, it is observed also that the β 
phase initially present transforms into α phase after some delay (step a4 in figure 4a). 
The observed behavior is more complex in the I213 sample drawn at 120°C. In this case, 
WAXS patterns (Figure 4b) show two well-resolved rings, characteristic of the α phase, 
corresponding to the three families of lattice planes containing chain axis. The intensity in the 
inner ring, corresponding to (200) planes, is first reinforced in the tensile direction (step b2 in 
Figure 4b), which means that corresponding planes orient perpendicular to the tensile 
direction. In this configuration, chain axis must be perpendicular to the tensile direction. 
Then, at higher strain, beyond the yield point, chains reorient along the tensile direction so 
that lamellae are ultimately perpendicular to the tensile direction (step b3 in Figure 4b). 

(a) 
(b) (c) 
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Figure 4. WAXS patterns at different strain values at T = 120°C: (a): INJ sample; (b): I213 sample  

Conclusion 
In samples with predominantly β phase, the deformation is qualitatively described by affine 
deformation of the lamella normals. Lamellae tend to orient perpendicular to TD. The tensile 
strain in lamellar stacks perpendicular to TD is lower than the macroscopic tensile strain, 
which must be compensated by increased shear in inclined stacks. In samples with 
predominantly α phase, morphology changes are more complex. In a first step, some lattice 
planes orient perpendicular to TD, which implies that chains are perpendicular to TD. Beyond 
yield, lamellae reorient with their normal perpendicular to TD, thus chains themselves 
become parallel to TD, leading to a highly oriented fibrillar morphology as well. 
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